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Abstract

A novel processing method to produce a carbon-fibre-reinforced silicon carbide (C/SiC) is presented and the mechanical properties are
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valuated. The low-cost process yields a reaction bonded silicon carbide matrix but avoids efficiently reactive damage of the carbon fibres.
hus, the C/SiC-material shows a fibre-dominated behaviour due to high fibre strength and matrix porosity. The characteristics and mechanical
roperties of this C/SiC are highlighted. The discussion deals with the particular mechanical characteristics of porous-matrix materials relating
o similar materials investigated hitherto.
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. Introduction

In the field of high temperature applications, the use of
eramics is promising due to their constant strength up to
igh temperatures and their corrosion resistance. However,
heir brittle damage behaviour impedes their broad industrial
se. The implementation of fibre technology overcomes the
oor damage tolerance of ceramic materials by a fibre re-
nforcement (ceramic matrix composites—CMCs).1–3 Due
o the high thermal stability of carbon, research on carbon-
bre-reinforced carbon has been conducted for aerospace ap-
lications since the 1970s. In order to avoid this material’s
oor resistance to oxidising atmosphere at higher tempera-
ures, further development to carbon-fibre-reinforced silicon
arbide (C/SiC) followed.

The properties of ceramic matrix composites are deter-
ined not only by the fibres and matrix themselves, but
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also mainly by the microstructure of the matrix and the
properties of the fibre-matrix-interface.4–6 Thus, the manu-
facturing method has a great influence on the composite prop-
erties. In the case of C/SiC there are broadly three processing
routes with several modifications reported.1,7–10 Chemical
vapour infiltration (CVI)11–14 as well as liquid polymer in-
filtration (LPI)15–18 exhibit relatively high processing costs.
Both methods lead to high-performance materials with stiff
matrices. As described by He and Hutchinson,19 a low fibre-
matrix-adhesion is needed in this case to achieve a crack
deflecting interface and therefore the desired damage toler-
ance. Thus, fibre coatings such as carbon or boron nitride
are necessary, which not only further increase the process-
ing costs and complexity, but also frequently exhibit a low
stability in oxidising environments.7

Liquid silicon infiltration (LSI) is a method, which leads to
a material with quite different properties. A porous carbon-
fibre-reinforced carbon is formed by pyrolysis of a C-rich
resin matrix and subsequently infiltrated with molten sili-
con (melting point approximately 1420 ◦C). Silicon carbide
955-2219/$ – see front matter © 2005 Elsevier Ltd. All rights reserved.
oi:10.1016/j.jeurceramsoc.2005.03.250
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is formed instantaneously. In comparison to CVI and LPI, the
LSI process is a relatively low-cost method.8,20–22 However,
the reaction of liquid silicon with solid carbon is not restricted
to the carbon of the matrix. It reacts also with the carbon fi-
bres. A homogeneous infiltration with silicon and thus a high
content of silicon carbide results in low strength and brittle
behaviour of the composite. In the case of low silicon-uptake,
the carbon fibres are to a large extent surrounded by carbon
material and are therefore available for strengthening. The
resulting material is composed inhomogeneously of carbon-
fibre-reinforced carbon (C/C) surrounded by silicon carbide
and residual free silicon.23 These materials have been de-
scribed widely being called C/C-SiC due to the high content
of carbon within the matrix.

In the scope of this work a novel processing route was
developed to overcome the main disadvantage of the liquid
silicon infiltration (LSI) technique – the fibre attack, while
retaining the cost efficiency. In the novel route, fine sili-
con powder is added to the polymer precursor. Thus, before
silicon-carbon reaction silicon and carbon are distributed ho-
mogeneously within the matrix and the reaction is therefore
restricted mainly to the matrix.

This method is called “in-situ silicon–carbon reaction”
and leads to a highly porous matrix material. In this case,
the stiffness of the matrix is significantly lower than that of
the carbon fibres. The elastic mismatch is high. According to
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brush-like fracture surface as the more conventional materials
with dense matrices, albeit there is almost no matrix material
left. Some residues of matrix material adhere to the fibres.29

To achieve a high strength perpendicular to the fibre axis,
the matrix porosity should nevertheless be as small as is
possible consistent with a tolerant failure behaviour. Stud-
ies of the influence of further reinfiltration steps to reduce the
matrix porosity33,34 show that several effects such as inho-
mogeneities, fibre distribution and especially size, form and
distribution of the pores influence the sustainment of initial-
debonding. Inhomogeneities result in dense regions with a
brittle damage behaviour. A crack starting in such a region
continues straight through the whole cross-section due to a
high energy release and causes premature failure of the com-
ponent.

This paper deals with the mechanical properties of fibre-
dominated materials with porous matrices in non-oxide
composites. First, the developed processing method in-situ
silicon-carbon reaction for C/SiC with a porous matrix is
described. The configuration and microstructure of the re-
sulting material as well as modifications of composition and
reinforcement are described in section two permitting a de-
tailed discussion of the mechanical results. The third section
describes the mechanical testing methods. The results of me-
chanical testing are presented and discussed in Section 4.
Conclusions are given in Section 5.
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he analysis of He and Hutchinson,19 fibre-matrix-debonding
i.e. crack deflecting interface) is therefore possible even in
he case of a strong fibre-matrix-adhesion. Cost intensive fi-
re coatings are thus not necessary. The mechanical proper-
ies of these materials are determined by the fibres and the

aterial is therefore characterised as “fibre-dominated”.24–26

t is assumed that matrices with a low stiffness do not take
ver axial forces from the fibres to a substantial extent. Con-
equently, stress redistribution between fibres is limited, and
o the strength and fracture toughness are lower than those
f composites with stiff matrices. Inherent to the system is
lso a low strength perpendicular to fibre axis as well as a
ow interlaminar shear strength.

Even though one of the earliest ceramic matrix com-
osites – carbon-fibre-reinforced carbon (C/C) – is among
hese fibre-dominated materials, the mechanical properties
f porous matrix composites did not enter the literature until
he mid 1990s.27,28 They have as yet been investigated mainly
or materials with oxide fibres and oxide matrix (oxide/oxide
omposites).3,24–31 It is concluded that the function of the
ighly porous matrix material is to isolate fibres from cracks
ithin the matrix.3,29 The fracture behaviour is referred to the
amage effects of the matrix material and the consequence
or neighbouring fibres. Due to the highly porous matrix ma-
erial, energy is dissipated and stress concentrations around
fibre fracture or a matrix crack is low. Crack propagation

o the neighbouring fibres is inhibited32 and the fibres stay
ntact according to their statistical fracture stress distribution
ike a fibre bundle. The fracture surfaces of fibre-dominated

aterials show in the ideal case a similar fibre pullout with
. Processing and microstructure

In the developed processing method, in-situ silicon-carbon
eaction, a matrix suspension consisting of silicon powder
Si-M.P. AX20, H.C. Starck, Germany) in phenolic resin
K790, Bakelite AG, Germany) dissolved in isopropanol is
repared first. The average particle size of silicon was reduced
y milling to a value significantly lower than the diameter of
he carbon fibres (d = 7 �m) in order to obtain a close packing
f silicon particles around the fibres. The fibre bundle (HTA
131, Tenax Fibers GmbH & Co. KG, Germany) is impreg-
ated with the suspension as shown in Fig. 1. A winding ma-
hine is used to produce unidirectional reinforced prepregs.
fter drying, the prepregs are cut and stacked in a mould.
uring of the resin is performed in a heatable press at a max-

mum temperature of 190 ◦C under a pressure of 20 MPa.
component of carbon-fibre-reinforced plastic (CFRP) is

ormed.
During carbonisation up to 950 ◦C in argon atmosphere,

he phenolic resin is transformed into glassy carbon. This is
ccompanied by a weight loss of 45% (i.e. volume reduction
4%). Thus, due to a low shrinkage of the composite (ap-
rox. 5%) the porosity increases up to a value of 15–20%.
fter carbonisation the matrix consists of silicon and car-
on in stochiometric ratio homogeneously distributed within
he matrix. In the final thermal treatment step – the silicon-
arbon reaction – the reaction of liquid silicon and solid car-
on to form silicon carbide within the matrix is carried out



J. Mentz et al. / Journal of the European Ceramic Society 26 (2006) 1715–1724 1717

Fig. 1. Schematic of processing method for carbon-fibre-reinforced silicon carbide with porous matrix.

at a temperature slightly above the melting point of silicon
(1450 ◦C, vacuum). Silicon carbide is of higher density than
silicon and carbon, but the shrinkage of the composite due
to the reaction is again hindered by the fibre reinforcement.
This leads to a further increase of the composite’s porosity
to a value of more than 30% with a corresponding low to-
tal density of approximately 1.5 g/cm3. The final product of
carbon-fibre-reinforced silicon carbide (C/SiC) is achieved.

2.1. Unidirectional reinforced C/SiC

XRD-measurements confirm the formation of silicon car-
bide (Fig. 2). There is no free silicon left after the silicon-
carbon reaction. The broad carbon-peak is associated to the
carbon fibres. Free carbon within the matrix was not de-
tectable by this method due to its amorphous structure. Thus,
a minor excess of carbon within the matrix is possible.

In Fig. 3 the pore size distribution of the material – mea-
sured via mercury intrusion – is shown. The material con-
tains a small amount of large pores and cracks between 10
and 100 �m, which do not change during the silicon-carbon
reaction. Larger voids could not be detected.

During carbonisation the phenolic resin is transformed
into glassy carbon. This is accompanied by a shrinkage and a
generation of porosity. Investigations using silicon with an in-
t
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used, these pores are very small with a narrow distribution
(pore size of approximately 0.01 �m, Fig. 3). Furthermore,
the glassy carbon adheres to the carbon fibres, which indi-
cates a high adhesive strength.

A geometrical calculation indicates a significantly higher
total porosity (17%) than the open porosity measured by mer-
cury intrusion (13%, Table 1). The slope of the curve in the
range of small pore radii (<0.01 �m, Fig. 3) suggests that sat-
uration is not reached. The characterisation of pore size by
BET method revealed a further amount of pores in the range
below 2 nm. Thus, measurements of the specific surface by
this method showed a high specific surface, almost one order

F
b

Fig. 4. Optical micrograph of a polished cross section of a carbonised ma-
terial with silicon of greater particle size.
entionally larger particle size made it possible to observe the
osition of pore formation. Fig. 4 shows such a material after
arbonisation. During the transformation of phenolic resin
nto glassy carbon, the pores are evidently formed around
he silicon particles. When silicon of a small particle size is

ig. 2. XRD-measurements of the developed material, carbonised and final
tate.
ig. 3. Pore size distributions of unidirectional reinforced material, car-
onised and final state.
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Table 1
Unidirectional carbon-fiber-reinforced silicon carbide: total porosity and
specific surface, comparison of measurement methods

Measurement
method

Porosity (%) Specific surface (m2/g)

Mercury
intrusion

Geometrical Mercury
intrusion

BET

Carbonised 13 ± 2 17 ± 1 19 ± 3 98 ± 9
Final state 32 ± 2 33 ± 2 8 ± 4 13 ± 2

of magnitude higher than that calculated from the results of
mercury intrusion (98 versus 19 m2/g, Table 1).

As described above, during the silicon-carbon reaction
the total porosity increases up to a value of more than 30%.
The porosity measured by mercury intrusion was now almost
identical to the geometric porosity, which clearly indicates a
totally open porosity (Table 1). The pore radii of the matrix
pores also increase during silicon-carbon reaction. Now, there
is again a narrowly distributed porosity with a pore size of
approximately 0.1 �m. The specific surface calculated from
the results of mercury porosimetry was in good agreement
with the values measured using the BET method (Table 1).

A cross section of unidirectional reinforced C/SiC pro-
duced by the in-situ silicon-carbon reaction perpendicular to
fibre axis is shown in Fig. 5. The originally round cross sec-
tion of the carbon fibres is preserved, no indications of fibre
damage are found. In contrast to the liquid silicon infiltration
technique, the fibre attack could be minimised since the sili-
con is well distributed and mixed intimately with the carbon
of the matrix. The original matrix materials phenolic resin
and silicon powder and therefore the resulting silicon car-
bide matrix material are distributed homogeneously around
the fibres, also in small gaps. Only a few large pores are vis-
ible within a fibre bundle. The high matrix porosity can also
be seen in the micrograph of Fig. 5.
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Fig. 6. Pore size distributions of unidirectional reinforced material with dif-
ferent matrix compositions.

(“Si-excess”, 20 wt.%) within the matrix, respectively were
investigated. The differences in the concentration of filler
particles (silicon grains) in the resin led to different fibre
volume fractions, which has to be considered in the discus-
sion of mechanical properties. On the other hand, a different
pore size distribution was detected (Fig. 6). With increasing
ratio of silicon within the matrix the total porosity as well
as the mean pore size increases. In the case of the matrix
composition with silicon excess this is an unexpected result
and will be further discussed below. The total porosity of
the C/SiC-material is given by the processing route and the
matrix composition. With a value of approximately 60% for
the stoichiometric matrix material it is relatively high com-
pared to related oxide/oxide-materials29 (matrix porosity of
35–40%). Limited influences are possible due to the type of
resin (modification in shrinkage), for example.

2.2.2. Modification of the direction of reinforcement
In the previous sections a unidirectional fibre reinforce-

ment is described. For comparison, a 0/90◦-laminate was also
produced in order to investigate the changes in mechanical
properties. A micrograph of a polished cross section of such
a laminate is shown in Fig. 7, where the different layers can
easily be distinguished.

In contrast to the material with unidirectional reinforce-
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.2. Modifications

.2.1. Modification of the matrix composition
Besides the “stoichiometric” composition, the effects

f an excess of carbon (“C-excess”, 30 wt.%) and silicon

ig. 5. Optical micrograph of a transverse polished cross section of a unidi-
ectional reinforced C/SiC after silicon-carbon reaction.
ent the shrinkage during carbonisation (transformation of
esin into glassy carbon) is hindered in two directions (in
lane). Thus, segmentation cracks parallel to the fibre axis are
ormed. These cracks do not change during silicon-carbon re-
ction and lead to a bimodal pore size distribution and a higher
otal porosity of the composites (35 ± 2% versus 33 ± 2% for
toichiometric matrix composition). Since the segmentation
racks are caused by the transformation of the resin, they
ecrease with increasing silicon-content of the matrix (de-
reasing content of phenolic resin), and thus are largest at
-excess and smallest at Si-excess.

In the ideal case, the matrix material covers each single
bre and is thus able to minimise stress peaks and to optimise



J. Mentz et al. / Journal of the European Ceramic Society 26 (2006) 1715–1724 1719

Fig. 7. Optical micrograph of a polished cross section of C/SiC with bidi-
rectional fibre reinforcement.

the desired effects of the porous matrix material. Thus, for
bidirectional reinforced material the impregnation of fibre
bundles is favourable compared to the impregnation of fab-
rics. The filler particles (silicon) cannot be distributed homo-
geneously between the single fibres due to sieving effects if
the fibre bundles are strongly interweaved in a fabric.

3. Mechanical characterisation

The dimensions of the specimens for mechanical charac-
terisation were chosen as follows: width 10 mm, thickness of
approximately 3 mm (six layers) and length 110 mm. They
were cut using a diamond saw blade. The stiffness of the ma-
terial in the elastic region was measured with a four-point-
bending test with bearing distances of 60 and 20 mm using
strain gauges. For the purpose of reduced shear stresses, the
bending strength and stress-strain-diagrams were determined
using a three-point-bending test with a bearing distance of
90 or 100 mm. The bending tests were performed at con-
stant speed using an automated, electro-mechanical univer-
sal testing machine (Zwick 1387 of Zwick, Germany) with a
crosshead speed of 0.5 mm/min. At least 10 specimens were
measured in each case for statistical significance.

High temperature bending tests were performed in an inert
g ◦
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Fig. 8. Scheme of four-point-configuration for SENB-test.

Failure of CMCs is a process of crack propagation and
crack branching, crack bridging of the fibres, and finally fibre
failure in the crack wake. In order to utilise the strength of
the individual fibres and to obtain a damage tolerant fracture
behaviour it is necessary that fibre-debonding and therefore
an uncorrelated fibre fracture take place. These features are
examined advantageously in experiments with stable crack
extension. This was realised with single edge notch beam-
tests (SENB). Again, this is a four-point-bending test with
bearing distances of 60 and 20 mm. In this case, specimens
with a thickness of approx. 5 mm (12 layers) were used, with
a starting notch (width of 0.5 mm) having a length of one
third up to one half of the specimen width produced using a
diamond saw blade. In the test, the specimens were oriented
edgewise so that a crack spread out in the direction of the
starting notch (Fig. 8). This test could not be applied to the
unidirectional fibre composites due to delamination. Thus,
0/90◦-laminates (eight specimens in each case) with different
matrix compositions were tested.

The crack grew in the direction of the starting notch and
therefore the bridging of the crack by the fibres was the dom-
inant factor and the effect of reinforcement could be inves-
tigated. The load-displacement-curves and fracture surfaces
were analysed according to Rausch et al.36 and Kuntz37 to
evaluate the fracture toughness and failure behaviour. The
load is normalised in terms of the formal stress intensity fac-
t
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as furnace at temperatures of 1000 and 1500 C. The bear-
ngs consisted in this case of C/C-material and were heated
ogether with the specimens. For comparison, some speci-

ens were also tested at room temperature (24 ◦C) in this
esting equipment. At each temperature, at least five speci-

ens were tested.
The Zwick testing machine was also used to determine

he shear strength. In this case, a three-point-bending con-
guration was used with a short bearing distance of 25 mm.
gain at least 10 specimens of each material modification
ere tested. Also, shorter bearing distances35 (15 mm) were

ried but these caused squeezing of the specimens leading to
oo high apparent shear strength values. The values of stiff-
ess, strength and strain for all measurements were derived
rom linear bending theory.
or KI,form = σ
√

a0Y where a0 is the starting notch length and
is a function for geometrical correction. It was shown and

erified by model calculations, that the fracture resistance of
ifferent materials can be compared by this method.36,37 The
aximum value is interpreted as the formal fracture tough-

ess, which is independent of different specimen dimensions
nd starting notch length. For a variety of different materials
t was shown that the formal fracture toughness as well as the
hape of the curve is significantly different.37 Thus, a quanti-
ative evaluation of the fracture resistance is possible. As the
ormal fracture toughness refers to the starting notch length it
ives a lower bound of the effective fracture toughness which
s based on the actual crack length.

. Results and discussion

.1. Mechanical properties at room temperature

The stiffness of the material was determined for the differ-
nt matrix compositions, fibre volume contents and different
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Table 2
Young’s modulus and bending strength of unidirectional and bidirectional reinforced material with different matrix compositions, set in ratio to the fibre volume
contents for comparability

Matrix composition C-excess Stoichiometric Si-excess

Reinforcement Unidirectional Unidirectional Bidirectional (0/90◦) Unidirectional

Young’s-modulus E [GPa] 125 ± 13 110 ± 4 42 ± 9 95 ± 10
Fiber volume content Vf [−] 0.57 0.48 0.39 0.42
Ratio E/Vf [GPa] 219 229 108 226

Bending strength σ [MPa] 510 ± 40 360 ± 45 160 ± 15 230 ± 20
Fiber volume content Vf [−] 0.57 0.48 0.35 0.42
Ratio σ/Vf [MPa] 895 750 457 548

types of reinforcement. The fibre volume content decreased
with increasing ratio of silicon within the matrix. Thus, in
Table 2 for comparison the stiffness is presented as the ratio
of Young’s modulus and fibre volume content. It is obvious
that there is no significant difference between these ratios for
the different compositions. The Young’s modulus measured
for unidirectional reinforced material of 110 GPa is close to
the product of fibre volume content and Young’s modulus
of the fibres (0.48 GPa × 238 GPa = 114 GPa). Furthermore,
the result for 0/90◦-laminates is close to half of the value for
unidirectional reinforcement. All these results indicate that
the stiffness is dominated by the layers with fibres oriented
in the loading direction.

Regarding the rule of mixture for the stiffness of a compos-
ite it is evident that the stiffness of the porous matrix material
is much lower than the stiffness of the fibres. This result leads
to the conclusion that the developed material exhibits a fibre-
dominated behaviour with the consequences as discussed in
the introduction.

Since the bending strength of a fibre-dominated material
is also determined by the fibres, the measured values are also
presented as a ratio to the fibre volume content (Table 2). In
contrast to the stiffness, the bending strength shows a depen-
dency on the matrix composition: It decreases with increasing
amount of silicon from a matrix with C-excess to a matrix
with Si-excess.
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The conclusions are confirmed by the analysis of the frac-
ture surfaces (Fig. 10). The longitudinal and transverse ar-
ranged fibre layers are easily identified. Fig. 10(a) shows the
fracture surface of a laminate with carbon excess within the
matrix. The fracture surfaces of fibre bundles transverse to
the crack direction are flat, the fibres and matrix are bro-
ken in one plane. There are no single fibres sticking out
of the surface. This shows that the growing crack was not
bridged by fibres but expanded in a brittle manner. As ex-
pected from the load-displacement-curves the fracture sur-
face of material with stoichiometric matrix composition is
slightly more jagged (Fig. 10(b)). Even some single fibres
are observable at the bottom of the picture. The fracture be-
haviour is marginally more tolerant.

A different effect is visible in Fig. 10(c). The fibres stick
out brush-like in the transverse layers. Such a fracture sur-
face has also been described for oxide/oxide composites with
porous matrices.24 The expanding crack is initially bridged
by the fibres before their strength is exceeded and they break,
each one individual in an uncorrelated manner. Thus, it can
be concluded that the strengthening effect of the fibres is
utilised.

Taking into account this obviously improved crack bridg-
ing effects in the material with silicon excess it seems

F
l

In order to investigate the fracture behaviour SENB-tests
ere performed on 0/90◦-laminates with different matrix

ompositions as described in Section 3. Representative re-
ults are plotted in Fig. 9. The slope of the curves and there-
ore the displacements are given by the Young’s modulus
nd therefore by the fibre volume contents (49, 47 and 40%,
espectively).

The material with an excess of carbon within the matrix
hows a sharp load decrease. The curve is also almost linear
p to maximum load – both observations indicate a brittle
ailure behaviour. Composites with a stoichiometric matrix
aterial show a similar behaviour, but a slight deviation from

inearity and the load decrease is slower. The material with an
xcess of silicon within the matrix shows, in contrast, an early
eviation from linearity and a uniform decrease indicating a
amage tolerant fracture behaviour and an uncorrelated fibre
racture.
ig. 9. Plot of formal stress intensity factor versus displacement for 0/90◦-
aminates with different matrix compositions.
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Fig. 10. SEM-micrographs of fracture surfaces after SENB-test; 0/90◦-
laminates with (a) matrix with C-excess, (b) stoichiometric matrix and (c)
matrix with Si-excess.

surprisingly that it shows a significantly lower formal frac-
ture toughness (Fig. 9) as well as bending strength (Table 2)
than the material with lower silicon content. The fracture
behaviour leads to the conclusion that the fibre strength is
utilised and the strength of the composites reaches its capac-
ity. An explanation is found in the XRD-measurements. Even
though an excess of silicon is implemented in the precursor,
no free silicon could be detected after the final reaction. It
was shown that a fraction of the silicon is vaporised during
silicon-carbon reaction. Silicon vapour may also react with
the carbon fibres, thus degrading the fibre strength and lead-

Table 3
Bending strength of unidirectional reinforced C/SiC with stoichiometric ma-
trix composition, high temperature testing device

Testing temperature (◦C) Bending strength (MPa)

24 370 ± 35
1000 465 ± 40
1500 480 ± 20

ing therefore to a reduced composite strength. In contrast to
the reaction within the matrix (liquid silicon reacts with solid
carbon) more complicated gas phase reactions with the par-
ticipation of silicon oxide are probable. The total porosity
as well as the average pore radius is increased (see Section
2.2.1). These effects of silicon vaporisation and reaction of
silicon with the carbon fibres are also assumed to be present in
the material with lower silicon contents but to a lesser degree.

In the case of the theoretical stoichiometric matrix com-
position an excess of glassy carbon is also expected (see also
Section 2 and Fig. 2). The high adhesion between glassy car-
bon and the carbon fibres as shown in Fig. 4 leads to a more
brittle fracture behaviour. A crack formed within the resid-
ual glassy carbon cannot be stopped at or deflected around
the fibres. A flat fracture surface is formed and a sharp load
decrease takes place, which causes brittle damage behaviour.
This is clearly shown in the case of material with carbon ex-
cess within the matrix. In the case of a stoichiometric matrix
composition the smaller amount of residual glassy carbon
within the matrix is still sufficient to lead to a similar frac-
ture behaviour, but the more jagged fracture surface as well as
some protruding single fibres show, that only a slightly higher
amount of silicon would suffice to avoid the carbon excess
and to reach a completely non-brittle fracture behaviour as
in the case of the material with the relatively high silicon
excess within the matrix. Thus, by optimising the silicon ex-
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ess, the amount of silicon that reacts with the carbon fibres
ould probably be reduced without loss of non-brittle be-
aviour but retaining a higher composite strength and fracture
esistance.

.2. High temperature bending strength

The bending strength of the unidirectional reinforced com-
osites was measured in inert atmosphere at room tempera-
ure, 1000 ◦C and 1500 ◦C (i.e. above the temperature of the
ilicon-carbon reaction). The results show a promising ten-
ency for high-temperature applications: There is an increase
f the bending strength of 25 % up to 1500 ◦C (Table 3). This
s mainly attributed to an increase of carbon fibre strength
ith increasing temperature. Furthermore, residual stresses

re reduced when the test temperature is close to the manu-
acturing temperature.

Fig. 11(a) shows a representative stress-strain-curve from
three-point-bending test at room temperature of a uni-

irectional reinforced specimen with stoichiometric matrix
omposition. An almost linear stress-strain-behaviour up to
racture is typical for fibre-dominated materials. Due to the
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Fig. 11. Three-point-bending of unidirectional reinforced silicon carbide; (a) stress-strain-diagram at room temperature and (b) stress-displacement-diagram
at different temperatures (high temperature testing device).

low stiffness of the matrix material, the stiffness of such
composites is almost constant up to fracture even if matrix
cracks develop. Thus, the fibres carry the main part of the
load. Due to negligible stress redistribution between fibres
and matrix and a high amount of stored energy the fracture
behaviour of fibre-dominated material is usually brittle. In
contrast, a gradual load decrease takes place in the case of
the material developed here, which can be attributed to the
sequential failure processes of the fibres.

A similar result at room temperature was found in the high
temperature testing equipment (Fig. 11(b)). The specimens
for measurements in this device were each of the same dimen-
sions. Thus, the displacements at the different temperatures
are comparable. At high temperatures (1000 and 1500 ◦C),
the material shows a sharper load decrease than at room tem-
perature due to the higher stress level and therefore a higher
amount of stored energy.

At a temperature of 1500 ◦C the material shows a signif-
icantly lower stiffness than at temperatures below 1000 ◦C
(Fig. 11(b)). This effect is attributed to a certain amount of
oxygen within the material (analysed by EDAX), which is
supposed to exist as SiO2. This glass phase softens at a tem-
perature of 1500 ◦C, so that even a small amount leads to a
reduction of the overall stiffness.
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than 2000 ◦C (versus 1450 ◦C using the in-situ silicon-carbon
reaction).39 The strength and fracture toughness are as ex-
pected significantly lower than that of high-quality, expen-
sive C/SiC-materials with stiff matrices and fibre coatings
for aerospace applications (bending strength up to 600 MPa,
formal fracture toughness of more than 20 MPa × m1/2 for
bidirectional reinforced material).40 All these related materi-
als are reinforced with carbon fabrics, whereas the composite
in this work is laminated. Nevertheless, as fibre type, matrix
chemistry and/or porosity are similar, the comparison gives
a reasonable impression of the competitive capability of the
new material.

Due to an almost linear stress-strain-behaviour up to max-
imum load, the strain to failure results from the measured
bending strength and the Young’s modulus. The value of
0.34% for the unidirectional reinforced material (bidirec-
tional reinforced: 0.51%) is significantly higher than that
of monolithic silicon carbide material (0.15%).7 The formal
fracture toughness of the 0/90◦-laminates (8 MPa × m1/2)
is more than twice as high as the fracture toughness of
monolithic silicon carbide (2–4 MPa × m1/2).7 Both indi-
cate the effect of reinforcement, even though it is typical
that the bending strength of the composite is not as high
as that of silicon carbide (up to 700 MPa for HIP-SiC).7

The aim of the fibre reinforcement is to increase the frac-
ture toughness as well as to provide a tolerant fracture
b
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.3. Comparison to related materials

The strength reached by the 0/90◦-laminate with stoichio-
etric composition in this work is comparable to that of a
/C-SiC-material produced by liquid silicon infiltration,38

ven though the present material had a significantly lower
bre volume content (35% instead of 65%). Moreover, the
atrix in the material of this work was totally converted into

ilicon carbide. At high temperatures (up to 1500 ◦C) the
trength of the C/SiC-material developed in this work was
ven higher. The bending strength (160 MPa) at room temper-
ture is also close to a comparable standard C/C-material (CF
22) of Schunk Kohlenstofftechnik, Germany (200 MPa),
hich consists again of a high volume content of fibres (60%)

nd which is treated at a graphitisation-temperature of more
ehaviour.
The interlaminar shear strength (10 ± 2 MPa for unidirec-

ional reinforced material) is relatively low, which is caused
y the high level of matrix porosity. This is a general feature
f fibre-dominated ceramic matrix composites. Carbon-fibre-
einforced carbon is also to be included among these materi-
ls, due to the low stiffness of the matrix carbon. Comparable
aterial (CF 222) of Schunk Kohlenstofftechnik GmbH, Ger-
any, has a specified interlaminar shear strength of 8 MPa,
hereas high-quality C/SiC-material attains values of up to
8 MPa.39,40

The low linear coefficient of thermal expansion (CTE) in
he temperature range from 200–1200 ◦C of 0–2 × 10−6 K−1

n the fibre direction is attributed to the fibre properties. The
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CTE of carbon fibres in this temperature range is quoted as
−0.5–1 × 10−6 K−1 in the axial direction.2,41 The signifi-
cantly higher value of silicon carbide (4.5 × 10−6 K−1) has
only little influence, because of the dominating fibre stiffness.
Transverse to the fibre direction, a thermal expansion in the
temperature range of 200–1200 ◦C of 6–7 × 10−6 K−1 is ex-
pected from a simple rule of mixtures, which is applicable as
a first approach for this orientation. The transverse CTE of
the fibres is given by Savage as 10–15 × 10−6 K−1.2

5. Conclusions

A novel processing route to produce carbon-fibre-
reinforced silicon carbide with a porous matrix material has
been developed and characterised with regard to mechanical
properties. The matrix is composed initially of silicon and
carbon and a subsequent reaction forms silicon carbide. The
investigations lead to the following conclusions:

1. The in-situ silicon-carbon reaction leads to a porous
C/SiC-material with minimised fibre attack at a low cost
comparable with the liquid silicon infiltration route.

2. The determination of the Young’s modulus of material
with different matrix compositions indicates that a fibre-
dominated material is obtained. Bending strength as well

3

4

5
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